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Abstract 
Utilizing Ge marker layer experiments combined 
with atomic number contrast (Z-contrast) imaging, we 
have studied the evolving surface morphology of 
SixGe1_x alloys during growth by molecular beam epi-
taxy. The marker layers map out the instability transi-
tion between planar two-dimensional (2D) growth and 
three-dimensional (3D) growth. The transition occurs 
via the gradual formation of a surface ripple as anti-
cipated from instability theory. However, these undula-
tions rapidly develop into crack-like surface instabilities 
which we simulate and explain by the mechanism of 
stress-driven surface diffusion. Finally, we model the 
large stresses associated with these features within a 
fracture mechanics formalism. This analysis demon-
strates that crack-like instabilities provide ideal candidate 
sites for the nucleation of misfit dislocations. 
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The instability of strained epitaxial thin films to the 
formation of surface waves or undulations has been ap-
preciated for several years (Asaro and Tiller, 1972; 
Grinfeld, 1986; Srolovitz, 1989; Spencer et al., 1991). 
Under uniaxial compression, atom planes situated close 
to the peaks of the undulations can relax relative to the 
bulk, significantly lowering the stored elastic energy of 
the film (Fig. 1). This more than compensates for the 
associated increase in surface energy, provided that the 
undulation wavelength is greater than 
(1) 
Here, -y, µ, and v are respectively the surface energy, 
shear modulus, and Poisson's ratio of the strained film. 
The wavelength most likely to be observed (i.e., the 
most dangerous wavelength) is Aobs = (4/3) Amin· 
The peak relaxation in Figure 1 is inevitably accom-
panied by a compression of the lattice planes at the 
undulation valleys. These stress concentrations can be 
large, even for rather small surface perturbations. Gao 
(1991), for example, has obtained the linearized pertur-
bation solution for the surface stress distribution asso-
ciated with sinusoidal surface of Figure 1. He found, 
<1/x) = <1 [l + {(41rA)/}..} cos{(27rx)/}..}], (2) 
which reveals that the valley stress doubles for a sinu-
soidal surface wave amplitude A equal to only one tenth 
of its wavelength A. In this paper, we consider the role 
of such large surface stresses in the subsequent morpho-
logical development of thin films and the potential impli-
cations for strain relaxation via the nucleation of misfit 
dislocations. 
Marker Layer Experiments 
In order to study morphological development in the 
presence of high surface stresses, we have performed a 
Si0_5Ge0_5/Si(100) growth experiment in which two 
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Figure 1. Schematic representation of a surface undula-
tion in a thin film subjected to uniaxial compression. 
monolayer-thick Ge marker layers were deposited at se-
lected intervals (Jesson et al., 1993a). The marker 
layers act to map out the far-from-equilibrium surface 
shapes at a particular instant during growth. Since bulk 
diffusion is negligible, several marker layers provide a 
"fossil" or "strata" record of surface evolution (Fig. 2). 
By fabricating a specimen suitable for cross-sectional 
imaging of the marker layers, it is then possible to de-
duce the time evolution of the surface profile. 
The atomic number contrast (Z-contrast) imaging 
technique (Pennycook and Jesson, 1990, 1991) is partic-
ularly well suited to imaging Ge marker layers in 
SixGe1_x alloys. A small 2 A probe is scanned across 
the surface of the thin marker layer sample and trans-
mitted electrons scattered through large angles are simul-
taneously collected by an annular detector which is 
equipped with a large inner angle (Fig. 3a). The image 
of the Ge marker in Si (Fig. 3b) is, therefore, built up 
sequentially as a function of probe position, each bright 
spot in the image corresponding to a dimer or "dumb-
bell" of the [110) projection. The Ge dimers appear 
brighter than the Si dimers in the image simply because 
the large-angle scattering cross-sections start to approach 
the atomic number squared (Z2) dependence of unscreen-
ed Rutherford scattering. The technique is, therefore, 
ideal for imaging marker layers at a variety of magnifi-
cations, allowing the study of morphological instability 
over a wide range of length scales. 
It is interesting to note that the marker layer tech-
nique would seem to offer significant advantages for the 
study of far-from-equilibrium growth shapes in the pres-
ence of large surface stresses. In particular, it is pos-
sible to maintain a high supersaturation throughout the 
growth experiment, which is important for high misfit 
films where large stress concentrations can considerably 
enhance surface diffusion. Thus, marker layer experi-
ments should faithfully map the far-from-equilibrium 
growth morphology and avoid uncertainties inherent in 
conventional "quench and look" approaches. 
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Figure 2. A schematic representation of thin Ge marker 
layers embedded in a Si0 _5Ge0 _5 alloy. Each marker lay-
er maps the far-from-equilibrium surface profile at a 
particular time during growth. 
The Kinetic Critical Thickness 
A typical experimental result for Sio_5Ge0_5 grown 
at 400°C and 2 As·1 is contained in Figure 4. The 
marker layers appear as bright horizontal lines. Initial-
ly, the surface morphology is flat until the film is about 
25 nm thick, where a ripple morphology can be clearly 
distinguished. This can be understood as a kinetic criti-
cal thickness hk at which the strain-driven morphological 
development has become significant in comparison with 
the growth rate. Surface rippling is, therefore, kinet-
ically inhibited, which is consistent with the far-from-
equilibrium growth conditions. 
A quantitative theory of hk has recently been given 
by Spencer et al. (1991, 1993) which predicts hk oc 
E- 8 >-.-2 where E is the misfit strain and A the perturbation 
wavelength. This has been subsequently extended by 
Guyer and Voorhees (personal communication) to in-
clude the effects of elastic stresses created by composi-
tional inhomogeneities in the alloy film. The predictions 
of hk and A based on this theory for our growth condi-
tions and alloy composition would appear to be in excel-
lent agreement with experiment. Although the calcula-
tions are necessarily sensitive to the value of surface 
diffusion coefficient [the value measured by Chason et 
al. (1990) was used in this case], the agreement would 
appear to be very promising considering the other severe 
functional dependencies of the theory. It might, there-
fore, be hoped that a comparison between experiment 
and theory in this way will improve our understanding 
of the essential physics governing morphological 
instability. 
Surface morphology and dislocation nucleation 
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Figure 3. (a) The Z-contrast imaging process. (b) [110] Z-contrast image of a Ge marker layer in Si (see text). 
Nonlinear Surface Instabilities 
A surprising consequence of surface evolution be-
yond the realm of linear perturbation theory is revealed 
in Figure 4. The surface undulations can rapidly de-
851 
velop into sharp cusps. These features would appear to 
be highly metastable, persisting for 20 nm or so before 
rapidly smoothing out. The film then continued to grow 
with a flat surface morphology (within the sensitivity of 
the experiment) for the remainder of the deposition. 
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Figure 4. (a) [110] Z-contrast image of a Si0 _5Ge0_5 alloy grown by molecular beam epitaxy (MBE) at 400°C and 2 
As-1• The bright horizontal lines represent 2-monolayer-thick Ge marker layers. The surface profile simulations in 
(b) correspond to the period of cusp formation in (a) between vertical ordinates Y1 and Y2 (see lesson et al., 1993a). 
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Surface morphology and dislocation nucleation 
Given that surface diffusion is driven by gradients 
in surface chemical potential, the development of a cusp 
at the valley of a surface wave as represented in Figure 
1 is rather intuitive (Jesson et al., 1993a, 1993b). Con-
sider, for example, a diffusing adatom bonding at the 
valley of a sinusoidal perturbation in the surface. At 
this location, the atom experiences the greatest stress 
concentration and would prefer to migrate to the more 
relaxed regions associated with the peaks. However, 
diffusion from the valley to the peaks increases both the 
depth d and sharpness of the valley (1/p). This in-
creases the stress concentration "" 1 + 'Nd/p at the 
valley, which in tum accentuates the rate of migration. 
It is, therefore, not difficult to anticipate that the limiting 
morphology will be a cusp, similar to our experimental 
observations. 
These ideas can be shown to be reasonable using a 
simple model for cusp development (Jesson et al., 
1993a). For example, the surface profile simulations in 
Figure 4b qualitatively reproduce all of the experimental 
features of cusp formation between Y 1 and Y 2 . Recent-
ly, more sophisticated models of surface evolution have 
also predicted the formation of cusps (Nozieres, 1993; 
Yang and Srolovitz, 1993; Spencer and Meiron, 1994; 
Chiu and Gao, 1994). It is conceivable that these 
models combined with marker layer experiments could 
form the basis for the quantitative study of nonlinear 
surface instabilities. 
An interesting prediction of all the surface evolution 
models (including the simulation in Fig. 4) is that upon 
attaining a critical cusp geometry, the stress concentra-
tion at the cusp tip increases rapidly. At this point, the 
cusp accelerates rapidly into the film via the process of 
stress-enhanced surface diffusion, leading to an interest-
ing comparison between the critical geometry for cusp 
propagation and the well-known Griffith criterion for the 
unstable propagation of a crack in a brittle material 
(Tetelman and McEvily, 1967; Jesson et al., 1993b, 
1994; Yang and Srolovitz, 1993). This is probably best 
appreciated when the cusp is under tensile stress, where 
it has been suggested that the stress-driven morphologi-
cal instability may in fact precede and initiate the for-
mation of a critical Griffith crack (Yang and Srolovitz, 
1993). In compression, a large stress concentration (a 
negative mode I stress intensity factor) must also devel-
op because the material on each side of the cusp is not 
in contact (Chiu and Gao, 1993; Jesson et al., 1993a). 
This is not true for a slit crack, which will simply close 
under compression. 
The Griffith criterion for the critical crack length 
required for fracture is (Tetelman and McEvily, 1967) 
(3) 
For our conditions, d,. = 8 nm, which is very close to 
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Substrate 
Figure 5. The geometry of dislocation half-loop emis-
sion at the tip of a surface cusp (see text). 
the experimentally observed cusp depth of7.5 nm. The 
Griffith criterion would, therefore, appear to describe 
the "unstable cusp geometry" at which the tip stress is 
beginning to accelerate rapidly. This is supported by 
recent theoretical studies (Chiu and Gao, 1993), which 
demonstrate that the stress fields of a slit crack and 
hypercycloid cusp are formally equivalent. 
It is clear, however, that the large compressive 
stresses present at a cusp tip cannot directly lead to frac-
ture. Rather, the likely mechanism of strain relief is the 
injection of misfit dislocations, which we consider fur-
ther in the following section. 
Nucleation of Misfit Dislocations 
To model dislocation nucleation at a cusp tip, we 
have previously approximated the cusp stress field by the 
stress field of a crack (Jesson et al., 1993a). In that 
analysis, only the dominant tensile component of the 
crack was considered. Here, we extend the analysis to 
include the other tensile and shear components and con-
sider the nucleation of partial as well as complete dis-
locations. The geometry of half loop nucleation at a 
cusp tip is represented schematically in Figure 5. Fol-
lowing Jesson et al. (1993a), we write the total energy 
as a function of expanding loop radius RL as, 
U(RJ = [RL (b2µ/8) {(2-11)/(l-11)} In {(aRJ/b}] 
- {(R~b 2)/4} sin{] + {(1rR[)l2} o 
- C(RL) cos(ef>/2) sin¢ sin{]. (4) 
The first term specifies the energy cost of a dislocation 
of core parameter a and Burgers vector b. The second 
term describes the energy gained by the removal of a 
surface step, {3 being the angle between b and the dis-
location line. The energy cost per unit area o of the 
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Figure 6. Critical cusp depth de required to nucleate 
30°, 60°, and 90° dislocations as a function of misfit € 
assuming an atomically sharp cusp. The curves are 
evaluated using eq. 6. 
--------------------------------------
stacking fault associated with partial dislocations is 
included in the third term. The fourth term describes 
the elastic energy released by the loop, where the angle 
</> is defined in Figure 5, and C(RJ depends on the 
model used for the radial (R) dependence of the stress 
field away from the tip. For the Westergaard sharp 
crack solution (Knott, 1973), we obtain 
C(RJ = 2.47 (d112) Rr_12 µ {(l+v)/(1-v)} E:b, (5) 
where € is the applied uniaxial strain and d is the crack 
depth (Fig. 5). From eq. 4, it is possible to determine 
the critical cusp depth de at which the activation barrier 
is equal to the available energy for nucleation [ - 37 kT 
(Kamat and Hirth, 1990)]. This leads to the simple 
condition for de 
(6) 
where the constant AfJ is dependent on the nature of the 
dislocation (i.e., f3 = 30°, 60°, or 90°), stacking fault 
energy, and temperature. For a given dislocation type, 
AfJ(T,y) can be estimated from a single energy calcula-
tion using eq. 4. The critical cusp geometry de is, 
therefore, simply related to misfit via eq. 6, and the 
results are summarized in Figure 6 using A30 = 0.402, 
A60 = 0.276, and A90 = 0.177. The calculation pessi-
mistically assumes a core parameter of 4 for all dis-
location types. 
An interesting feature of Figure 6 is that it is ener-
getically more favorable to nucleate a complete 60° half 
loop from a cusp rather than a 30° partial. This is im-
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portartt because the glide plane geometry dictates that in 
compression, it is necessary to nucleate the 30° partial 
before the energetically favorable 90° partial. The nu-
cleation of complete 60° dislocations is, therefore, fa-
vored in this case for atomically sharp cusps. It is inter-
esting to compare half loop nucleation at cusps with half 
loop nucleation at flat surfaces, where it is only favora-
ble to inject a complete 60° dislocation before a 30° 
partial if a step is removed. However, unlike the cusp, 
the energy barrier for the nucleation of a 90° partial is 
only lower than the 60° half loop barrier down to 1 % 
misfit. At this point, the critical radius is very large, 
and the stacking fault energy correspondingly high. 
Note that in the case of a critical cusp geometry, the 
critical radius is always small, rendering the stacking 
fault energy less important. 
The 60° curve in Figure 6 suggests that dislocation 
nucleation at the tip of an atomically sharp cusp is only 
likely for misfits somewhat larger than 1 % . This is be-
cause the scale of morphological development associated 
with typical growth times is only of the order of a few 
hundred Angstroms at 1 % misfit (Pidduck et al., 1992). 
The utilization of a sharp crack model for disloca-
tion emission at a cusp tip can provide useful insight into 
the dislocation emission process. However, such a mod-
el is only valid if the critical radius ~ is significantly 
greater than the cusp radius of curvature p and apprecia-
bly less than the cusp depth de. Clearly, this is not true 
for very large misfits close to 4 % involving small d and 
Re. Furthermore, it is clear from our images that at 2 % 
misfit the cusps are not atomically sharp so that the 
sharp crack solution is not strictly applicable. When the 
critical loop radius is of the order of the tip radius of 
curvature p, a more suitable model is the blunt crack 
approximation (Tetelman and McEvily, 1967) giving 
C(RL) = (2 {(l+ v)/(1-v)} Eµb d 112] 
RL 
J r {p + 4(R[. - x2) 112} 112 - p 112] dx. 
0 (7) 
The additional term 
E(RJ = - 1r Reµ {(l+v)/(1-v)} Eb COS/\ COS</> (8) 
associated with the mean elastic energy released by the 
loop must also be added to the right side of eq. 4 in the 
blunt crack model. Here, A is the angle between b and 
the direction in the interface perpendicular to the line of 
intersection of the slip plane and the interface. For a 
planar surface, ¢ is the angle between the specimen sur-
face and fault plane normal. 
In Figure 7, we plot the total energy for nucleation 
of a 60° half loop in the blunt crack model as a function 
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Figure 7. Plot of the total energy U(RJ for 60° half 
loop nucleation as a function of expanding loop radius 
RL on a blunt crack model. The top curve corresponds 
to nucleation at a flat surface and is associated with a 
large activation barrier. The lower curve involves nu-
cleation at a cusp corresponding to our experimental ge-
ometry (p = 1.5 nm, d = 7 .5 nm). 
of expanding loop radius. For comparison, the top 
curve represents the familiar situation of nucleation at a 
flat surface where, 
U(Ri) = [µb2RL/8) {(2-v)/(1-v)} In {(aRJ/b}] 
- 7rR[_µ {(l+v)/(1-v)} Eb cosA cos¢. (9) 
As the loop expands, U(RJ increases until a large acti-
vation barrier of 50 eV is encountered at a critical loop 
radius of 5 nm. Since the available thermal energy of 2 
eV is considerably less than the energy barrier, it is ef-
fectively impossible to nucleate a 60° half-loop at a flat 
surface. However, if we consider a surface cusp of the 
geometry seen in our image, then the critical radius is 
reduced from 5 nm to 1.5 nm, of the same order as the 
cusp radius of curvature. Furthermore, the activation 
barrier is reduced to 2 e V, the available thermal energy, 
for a = 3 which is a very reasonable choice of core pa-
rameter in this system. Note that the blunt crack model 
conveys the important point that the critical cusp depths 
estimated from the sharp crack model in Figure 6 are 
likely to be significant overestimates. Although, the 
absolute stress concentration is naturally reduced at a 
blunt tip, the resolved shear stress field is significant 
over a larger region of the glide plane than in the case 
of a sharp crack. This can appreciably assist the nuclea-
tion process. 
Discussion 
As noted earlier, the range of misfit over which 
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cusp nucleation is feasible can be estimated in the sharp 
crack approximation from the 60° curve in Figure 6. At 
low misfits, the maximum undulation amplitude is of the 
order of several tens of nanometers (Pidduck et al., 
1992). This limits the maximum stress concentration 
that can develop and suggests that cusp nucleation would 
be valid for misfits ~ 1. 5 % . It is, however, conceiva-
ble that a blunt cusp tip might also be capable of operat-
ing as a dislocation nucleation source at even lower mis-
fits. For example, it is apparent that undulations can 
occasionally reach depths of 65 nm at 0. 76 % misfit 
(Cullis et al., 1994). Our calculations suggest that 
nucleation would require p = 8 A (a = 3). Although 
such a tip geometry might eventually develop during 
growth, we would anticipate increasing competition from 
heterogeneous or other nucleation sources at lower mis-
fits (see, for example, Perovic et al., 1989, 1993). 
The .dea of dislocation nucleation at a cusp tip has 
important implications for the concept of critical thick-
ness. In particular, it suggests a second kinetic critical 
thickness h0 associated with dislocation nucleation. This 
can be significantly greater than the equilibrium critical 
thickness he (Van der Merwe, 1963; Matthews, 1975) as 
sufficient time is required to generate a stress concentra-
tion capable of overcoming the large activation barriers 
associated with nucleation at a planar surface. 
The nucleation of misfit dislocations at a cusp tip is 
clearly also connected with the question of ductile versus 
brittle behavior and the stability of cleavage cracks. It 
is interesting that the concept of crack blunting by dislo-
cation emission, which is of relevance to crack stability, 
might also be relevant to the case of atomically sharp 
cusps if the emitted loop has a Burgers vector compo-
nent normal to the plane containing the cusp line. This 
effect would tend to tum off the cusp source and would 
require further sharpening by stress enhanced surface 
diffusion before the emission of additional loops. Fur-
thermore, several loops emitted on a given (111) plane 
will tend to produce a dislocation pileup at the substrate, 
creating a back stress at the cusp tip source. If the ef-
fective source stress is smaller than the threshold stress 
required to generate a single loop, then the source will 
shut down. It is conceivable that the cusp will then 
continue to develop (and possibly sharpen) during depo-
sition, emitting further loops on different (111) planes. 
This role as a multiple source might explain why the 
cusp geometry appears to persist for 20 nm or so before 
rapidly flattening out as the mean strain in the film is 
eventually relieved. 
Conclusions 
We have utilized Ge marker layer experiments com-
bined with Z-contrast imaging to study the evolving sur-
D.E. Jesson et al. 
face morphology of a Si0 _5Ge0 _5 alloy. The transition 
between planar 2D growth and 3D growth is observed to 
occur at a kinetic critical thickness somewhat smaller 
than 25 nm. The slightly undulating surface is then ob-
served to evolve into cusp-like surface instabilities as a 
result of stress-driven diffusion. These features become 
highly unstable at a critical geometry which appears to 
be intimately linked with the Griffith criterion for frac-
ture. This then defines a second kinetic critical thick-
ness h0 , which we believe is associated with dislocation 
nucleation at the cusp tip. 
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Discussion with Reviewers 
Reviewer I: Have the authors considered that the obser-
Surface morphology and dislocation nucleation 
vation of Figure 4 might be explained by invoking the 
Stranski-Krastonow growth mode; i.e., what they are 
seeing might be the coalescence of islands during 
growth? 
Authors: Cusp formation is, of course, equivalent to 
the creation of intersection lines between islands. Such 
features form in Figure 4 within the context of far-from-
equilibrium Stranski-Krastanow growth. The emphasis 
on cusps is particularly useful as it provides new insight 
into the nature and consequences of this important 
growth mode. 
Reviewer I: The authors have used a value of 1.5 nm 
for the radius of curvature of the cusp in deriving the 
data presented in Figure 7. Where did this value come 
from? How are the results affected if larger (and 
perhaps more realistic) values are taken? 
Authors: The value of the radius of curvature p meas-
ured from the micrograph is 3 nm. The accuracy of this 
measurement is limited by strain enhanced interdiffusion 
of the Ge marker layers, projection along a cusp line, 
and most importantly, the assumption that the marker 
layer corresponds to the spatial location where p is a 
minimum. All of these effects will tend to increase p so 
that the measured value can be regarded as an upper 
limit. As the tip stress varies only as p-112, the results 
are not highly sensitive to the choice of p. We believe 
that a reduction of the measured value by a factor of two 
represents a conservative estimate. 
Reviewer I: What is the thermodynamic driving force 
to form a sharp crack or cusp in a coherently strained 
layer which is under compression? 
Authors: The thermodynamic driving force to form a 
cusp in a compressively strained layer relates to the 
energy gained by elastic deformation which, beyond a 
critical wavelength, exceeds the additional cost in 
surface energy. 
M. Grinfeld: Is not the continuum approach too rough 
for attacking nano-scale problems? 
Authors: Yes. We have recently found that surface 
steps and step interactions which are not explicitly in-
cluded in the continuum theory can significantly change 
the conditions for instability. There would seem consid-
erable scope, therefore, to refine the continuum theory 
in such a way as to relate more closely to the micro-
scopic processes, which undoubtedly influence morpho-
logical instability. 
M. Grinfeld: Could you suggest any precise definition 
of a kinetic critical thickness and the formula of it? 
Authors: The kinetic critical thickness is the film 
thickness at which the perturbation grows more rapidly 
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than the rate at which the film thickens. Experimental-
ly, this corresponds to the stage where the instability 
becomes apparent, and the measurement of this thickness 
will depend on both the resolution and nature of the ex-
periment. A mathematical formula for the kinetic criti-
cal thickness, within the usual approximations of the 
continuum theory, has been given by Spencer et al. 
(1994) as 
a(h) > {V/h(t)} 
where h is the mean film thickness, V is the growth 
velocity of the planar film and a(h) is the static film 
perturbation growth rate. 
